PACS. 61.72Hh -Indirect evidence of dislocations and other defects (resistivity, slip, creep, strains, internal friction, EPR, NMR, etc.). PACS. 71.15Pd -Molecular dynamics calculations (Car-Parrinello) and other numerical simulations. PACS. 71.55Jv -Disordered structures; amorphous and glassy solids.
Defects in amorphous (a-) Si 1−x Ge x alloys have been extensively studied by the electronspin-resonance (ESR) measurements [1] - [9] . All measured ESR signals show that measured g-values and linewidths increase abruptly near x = 0.1-0.15 and saturate to the g-value of pure amorphous Ge (a-Ge) with increasing Ge concentration. This anomalous behaviour has been interpreted by introducing either i) a systematic change of Si-like (Ge-like) dangling bonds to have higher (lower) g-values with increasing Ge (Si) composition [7] or ii) a superposition of two (sometimes three) signals originating from Si and Ge (sometimes intermediate) components [5] . The ESR signals strongly depend on the type of defect sites and their backbonding states in the former case, whereas the number of defects of Si and Ge (sometimes intermediate) components plays an important role in the latter case. Despite numerous ESR experiments, the nature of defects in a-Si 1−x Ge x alloys is still far from being clearly understood. The main difficulty arises from the absence of theoretically reliable a-Si 1−x Ge x networks for various Ge compositions. The generation of a-Si 1−x Ge x alloys is computationally expensive even with classical potentials, let alone the transferability. Although the structural models for a-Si [10] , [11] and a-Ge [12] systems have been reported, the structural model for a-Si 1−x Ge x alloys is not available yet. The purpose of this letter is twofold. We first generate a-Si 1−x Ge x alloys for various Ge compositions to study defects in these alloys using the first-principles molecular-dynamics approach. Using generated networks, we then calculate g-values and compare them with measured ones. The generated networks show only Ge-centered dangling bonds (DBs) for a wide range of Ge compositions of x ≥ 0.15. This results from the minimization of the strain energy in the amorphous alloys. Based on the model that the g-value is determined by the type of DBs and their backbonding states which are further weighted by the number of defects, the calculated g-values are in excellent agreement with the observed ones.
We adopt the ab initio molecular-dynamics (MD) simulation scheme developed by Car and Parrinello (CP) [13] . The ionic and electronic forces are derived separately from an effective Lagrangian based on the local density approximation. To consider the interaction between valence and core electrons we use the pseudopotentials by Bachelet, Hamann, and Schlüter [14] with sp non-locality for both Si and Ge. The kinetic-energy cut-off for the plane-wave expansion is 12 Ry, which corresponds to about 6000 plane waves. This number varies slightly with Ge composition. Γ -point sampling in the Brillouin zone is used only. We have done the convergency test by studying Si 2 and Ge 2 dimers with different kinetic-energy cut-off and found that the ratio of both dimer bond lengths is the same as that of lattice constants in the bulk systems with 12 Ry and sp non-locality [15] , [16] . For Si 1−x Ge x alloys, a cubic supercell containing 64 atoms with periodic boundary conditions is used.
We first generate liquid (l-) Si 1−x Ge x alloys by melting. The l-Si and the l-Ge shrink experimentally by about 10 and 15%, respectively, when melted [17] . Since there are no data for the volume shrinkage of l-Si 1−x Ge x alloys, these can be extracted from Vegard's law,
Here m Si and m Ge are the total mass of Si and Ge crystals, and ρ l-Si = 2.53 g/cm 3 and ρ l-Ge = 5.51 g/cm 3 represent the densities of pure liquid Si and Ge, respectively [17] . For instance, the numer of Si atoms and Ge atoms is 32, respectively, in the case of x = 0.5. Then V = 1297.278Å 3 is calculated from Vegard's rule.
This gives the size of the simulation box,
The melting temperatures of crystalline (c-) Si and Ge are 1410 and 936
• C, respectively [18] . In order to generate l-Si 1−x Ge x alloys, we increase the temperature above the melting point of c-Si. The initial positions of the Si and Ge atoms are randomized from their ideal crystal lattice sites. The electronic states are optimized to be at the ground states from the initial configuration. The electronic fictitious mass is chosen to be 300 a.u. During the MD simulation the time step is fixed at 5 τ (τ = 0.24 × 10 −16 s). Procedures to generate l-and a-Si 1−x Ge x alloys are purely empirical. Therefore we follow the previously adopted generation scheme, similar to the generation of an a-Si network [10] , [11] , [15] . We try to keep the average quenching rate as ∼ 10 15 K/s in the whole procedure. The equilibrium properties of the liquid structures have been published elsewhere [15] .
Once we generate the liquid alloys representing liquid-structural behavior well, we quench them in order to obtain a-Si 1−x Ge x alloys as follows [16] . Starting from the final liquid structure, special care, first, is taken for the temperature of amorphization from 1500 to 700 K with the slower quenching rate, 6.94 × 10 14 K/s. Second, the temperature is decreased by the average quenching rate, 8.33 × 10 14 K/s, from 700 to 300 K. This value is similar to the quenching rate used to generate a-Si in previous studies [10] , [11] . The system is further relaxed for 1000 steps micro-canonically to reach the equilibrium. The equilibrium properties such as the radial distribution function (RDF) and the bond angle distribution function (BADF) are then obtained for the next 9000 time steps (∼ 1 ps). To check whether those alloys are really
This volume may deviate slightly from that resulting from the constant-pressure ensemble. However we expect that this small change does not affect much the local defect structures. in equilibrium states or not, we further anneal them for 9000 time steps (∼ 1 ps). We compare the RDF and BADF of the first ∼ 1 ps with those of the next ∼ 1 ps. In case we find significant differences between two runs, we further anneal the network until no significant difference is observed. The equilibrium properties are then taken for the last 1 ps run. We note that the post-annealing procedure for the next 1-2 ps is necessary for all Ge compositions, although the annealing time varies slightly with different compositions. The dependence of the coordination numbers and the number of floating bonds on the annealing time will be discussed in the next paragraph. Figure 1 shows the RDF and BADF of the generated networks. This clearly shows the amorphous phase by the first sharp peak and the second broad peak separated by a minimum for various Ge compositions. Structural parameters are summarized in table I. At all Ge compositions the peaks near 106
• in BADF of fig. 1 (b) show that networks in amorphous phase still favor a covalent-bonding character. The peak near 60
• arises from floating bonds (FBs), similar to that of the a-Si network [11] . Further analysis of this peak from the BADF of each species reveals that it originates mostly from the BADF of Si-Si-Si and Ge-Si-Ge bonds [16] . The strong binding energy of the Si system prefers to have more coordinations with Si-Si bonds as well as Si-Ge bonds. The existence of double first peaks at x = 0.5 gives rise to large bond length deviation, revealing overlaps of both phases at x = 0.15 and 0.80. In fact, the snapshot of the network and vibrational properties clearly shows the alloy to be phase-separated into Si-rich and Ge-rich regions at x = 0.5 [16] . The free energy of the system is determined by the competition between internal energy and entropy term. At low temperature the internal energy minimization (U Si-Si + U Ge-Ge ≤ 2U Si-Ge ) governs the structure, whereas at high temperature entropy of mixing plays a dominant role such that randomly disordered phase is preferred in l-phase [19] .
For a given network we now examine the local defect structure. We define the dangling bond (floating bond) to be under-coordinated (over-coordinated) within the cut-off which is, generally, the first minimum of the RDF curve. The number of DBs is insensitive to the choice of cut-off, although the number of FBs alters slightly at some compositions due to the ambiguity of the cut-off, as shown in fig. 1 (a)( 2 ). The number of DBs increases with increasing Ge compositions, whereas the number of FBs are large at x = 0.5 compared to 2 ) The cut-off determines the coordination number and the number of FBs. Since the RDF at its first minimum may not be completely zero, the coordination number and the number of FBs fluctuate in practice. For instance, at x = 0.5 which has the largest number of FBs, we found that the cut-off distance was reduced by 0.015Å from 2.80Å with further 1 ps run. This small variance in the cut-off reduced the coordination number of Si-Ge species from 1.95 to 1.89, whereas the number of FBs was reduced from 18 to 16. The variances for other compositions were much smaller than these values. Table I. -Structural properties of a-Si1−xGex alloys: average bond length (r1), bond length deviation (σr 1 ), average bond angle (θ), bond angle deviation (σθ), coordination number (Nc), and percentage of n-fold cites (Cn). Values in parentheses are experimental values of a-Si from ref. [20] . ( a ) Reference [10] .
( b ) Reference [20] .
( c ) Reference [12] .
other compositions as shown in table II. This is related to the phase separation of the alloy network that the boundary of two phases generates, mostly the FBs, as a consequence of the minimization of the internal energy [16] .
What is more intriguing associated with local defect structure is to see the type of DBs in terms of Ge composition. Table II shows the type of DB sites and their backbonding states. We note that at x ≥ 0.15, only the Ge-centered DB site is observed and no Si-centered DB sites are observed while the Ge DB site is backbonded with Si networks. It is very interesting to see that only Ge-centered DB sites are observed in a wide range of Ge compositions up to x = 0.8, although the number of Si backbonds decreases gradually with increasing Ge concentration. The strain energy is minimized by having unpaired electrons at Ge sites which are less costly in binding energy compared with those at Si sites, due to the smaller binding energy of bulk Ge than that of bulk Si. Since the Ge-Ge bond is weaker than the Si-Si bond, Ge DBs predominate in a-Si 1−x Ge x alloys. This explains the experimental observations that the Ge DBs are the main contribution to the midgap in a-Si 1−x Ge x alloys [21] .
We now relate these defect properties to the ESR signals. There have long been controversies about whether FBs or DBs contribute to the ESR signals [7] , [22] , [23] . This is not an issue in this letter. Instead we postulate that only DBs contribute to the ESR signal. There are two Table II [24] . We include these effects simply in the calculation of g-values as follows. In the case of pure Si site with all backbonds by Si (-Si ≡≡ Si 3 ), the g-value would be that of pure a-Si (2.0055). Similarly, for pure a-Ge (-Ge≡≡Ge 3 ) the g-value would be 2.018. Since each backbond contributes about 10% to the g-value, we can decide the g-value for Si-centered DB in terms of backbonding type,
and for Ge-centered DB,
where N i is the number of i-type backbonds. These values are further averaged by the population of the defects,
where n i is the number of i-centered defects. Table II and fig. 2 show the g-values for various Ge compositions. The g-value increases abruptly near x = 0.15 and saturates to the g-value of a-Ge with further increase of Ge concentration, in excellent agreement with experimental observations. This is attributed to the fact that the generated a-Si 1−x Ge x networks have Ge-centered DBs only with x ≥ 0.15, as shown in table II, i.e. the calculated g-value is mostly governed by the Ge g-value even from the very low Ge composition at x = 0.15, and the backbonding states gradually increase with increasing Ge composition by as much as 30%. In this case the type of DBs and backbonding states plays a major role in determining the detailed change of the observed g-values.
In summary, we generate a-Si 1−x Ge x networks using the ab initio MD approach. The networks have both DBs and FBs where the number of DBs increases with increasing Ge composition. Only Ge-centered DBs appear at all Ge compositions with x ≥ 0.15 and Ge backbonds increase gradually with increasing Ge composition. The strain energy is minimized by having DB defects at Ge sites. We find that the calculated g-values are in excellent agreement with the measured ones, and Ge-centered DBs and its backbonding states govern mostly the anomalous ESR signals. ***
